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Pre-Exposure Embrittlement and Stress Corrosion
Cracking of Magnesium Alloy AZ31B in Chloride
Solutions
Mariano Kappes,‡,*,** Mariano Iannuzzi,*** and Ricardo M. Carranza**

ABSTRACT
Stress corrosion cracking of the Mg-Al-Zn AZ31B (UNS
M11311) alloy was studied in sodium chloride (NaCl) solutions at different potentials and NaCl concentrations using the
slow strain rate technique. Results showed that stress-strain
curves were similar despite changes in potential and chloride
concentration. In addition, pre-exposure tests were performed
in NaCl solutions at the open-circuit potential followed by
immediate straining or straining after a dry-air exposure delay. The dependence of ductility with pre-exposure time, the
reversibility of embrittlement, and the fracture surface of preexposed samples suggested that the AZ31B alloy was susceptible to internal hydrogen embrittlement. Stress corrosion
cracking and the pre-exposure embrittlement of this alloy in
NaCl environments are explained assuming that crack growth
rate was controlled by hydrogen diffusion.
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INTRODUCTION
Given their high strength-to-density ratio, magnesium
and magnesium alloys offer unique weight reduction
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opportunities in structural applications. However, Mg
alloys are inheritably susceptible to stress corrosion
cracking (SCC) in a variety of environments, including
distilled water1-5 and aqueous solutions of ubiquitous
species like sodium chloride (NaCl)1,6 or sulfates.7 Current recommendations to avoid SCC of magnesium
alloys suggest limiting design stresses to less than
50% of the yield strength (YS),8-9 negatively impacting
the attractiveness of those alloys for load-bearing applications.
Most investigations on SCC of Mg-Al alloys to
date have been conducted in either high pH7 or chromate-containing solutions,10-20 which allow the formation of protective films, or in very mild environments
such as deionized (DI) water.2,4-5,21-22 Mg alloys are also
prone to SCC in environments where they suffer active corrosion; e.g., SCC of the AZ31 (UNS M11311).(1)
Mg-Al-Zn alloy in chloride solutions was reported by
several authors,6,23-26 where SCC proceeds alongside
anodic dissolution.
It is now well known27-28 that AZ31 suffers localized attack in chloride-containing solutions. Localized
corrosion occurs by the expansion of dendrite-like features that eventually cover the entire surface. Localized corrosion starts at Mn-Al intermetallic particles,
and proceeds without the formation of deep pits.28
Once the entire surface is covered with dark corrosion products, the attack can be classified as uniform,
with anodes that remain spatially mobile.28 For pure
magnesium with 50 ppm Fe corroded in NaCl solutions, it was shown, using cross-sectional analysis
in the transmission electron microscope (TEM), that
this dark corrosion zone consists of magnesium oxide
(MgO) and hydroxide (Mg[OH]2) on top of a MgO film,
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with Fe-rich particles embedded on the upper film.29
This corroded zone was enriched in noble metal-rich
particles, which, depending on alloy composition and
impurity level, could include Fe, Ni, Mn, Cu, or even
Al, and it catalyzes the hydrogen evolution reaction.29
Most cases of SCC involve materials in their
passive state.30 However, SCC of the AZ31 alloy in
chloride-containing solutions6,23-25 occurs alongside
general corrosion. Contributions from anodic dissolution23 and hydrogen embrittlement6,23-25 were considered to explain the susceptibility of alloy AZ31 to
SCC in chloride-containing solutions. Song, et al.,6
observed a continuous decrease in tensile properties with pre-exposure time and absence of chlorides
in the fracture surface. Song, et al.,6 suggested this
observation was evidence of internal hydrogen embrittlement in pre-exposed tests and that the same
mechanism-controlled crack growth during SCC.
However, a continuous decrease in mechanical properties with pre-exposure time is not enough evidence
to sustain a hydrogen embrittlement mechanism. For
instance, an anodic damage accumulation and stress
concentration mechanism, such as that suggested by
Kappatos, et al.,24 might also justify this observation.
Likewise, while an alloy might exhibit internal hydrogen embrittlement in a given environment, this does
not mean that a hydrogen embrittlement-based process will control crack growth rate of that alloy during
full immersion.31
Proposed anodic dissolution-based SCC mechanisms include the slip-dissolution model and the
anodic-reaction-induced cleavage.32 The slip-dissolution model requires the presence of passivating
films.32 Under localized strain, the passivating film
might crack exposing bare metal that causes the
crack to advance by dissolution, which then repassivates and the process can start over again.32 The
anodic-reaction-induced cleavage mechanism involves
the formation of a thin oxide, nitride, chloride, or porous metallic film that with application of stress can
fracture, inducing a brittle crack in the ductile substrate.33
The slip-dissolution mechanism can be discarded
for AZ31 in chloride-containing solutions given that
the alloy corrodes uniformly at steady state.27-28 Song,
et al.,6 and Kappatos, et al.,24 reported a continuous
decrease in mechanical properties with increasing
exposure time. It would be difficult to explain this
pre-exposure effect based solely on models like the
film-induced cleavage mechanism,33 which rely on
the formation of surface films. If anodic processes
contribute to this pre-exposure effect, they have to be
based on other processes such as a decrease in cross
section or the formation of defects that act as stress
concentrators.
Evidence of internal hydrogen embrittlement of
Mg and Mg-Al alloys was discussed in various reviews.9,34-36 Low hydrogen concentrations (i.e., between
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16 ppm and 35 ppm) cause a decrease in impact
properties due to grain boundary segregation,37-38
whereas concentrations around 100 ppm or larger
cause a decrease in tensile properties.18 However,
pre-exposure tests in chloride solutions, in all cases,
show extensive anodic damage.1,6,39 Tests on Mg and
Mg alloy samples pre-corroded in chloride solutions
conducted in air showed a decrease in ductility and
ultimate tensile strength (UTS),1,6,24 which was not
as severe1,6 as the one experienced by the sample
stressed in situ. This decrease in ductility was explained in terms of a hydrogen embrittlement model1,6
or an accumulated anodic damage model.24 In the second model, it is believed that pits act as stress concentration sites, which decrease ductility.24 However,
cross sections of the so-called pits presented by the
authors24 show that they tend to grow faster in diameter than in depth, raising doubts about their ability
to act as stress concentrators. In this regard, it is
commonly accepted that to act as a stress concentration site the aspect ratio (i.e., the ratio between the pit
opening and depth) has to be above 1:10.40 In other
systems, such as Mg-7.6 wt% Al in chloride-chromate
mixtures,18 pure Mg in basic sulfate solutions7 and
AZ80 (UNS M11800) Mg-Al-Zn alloy in chloride solutions,1 the decrease in ductility and UTS could partly
be reversed with a hydrogen desorption step. Those
tests could resolve whether the decrease in ductility of
AZ31 in chloride solutions during pre-exposure tests
was due to hydrogen embrittlement1,6 or irreversible
anodic damage.24
The objective of this work was to determine if preexposure embrittlement of Mg alloy AZ31 is caused
by an anodic-based process or internal hydrogen embrittlement. Additional tests were conducted to determine the relative importance of anodic dissolution vs.
hydrogen embrittlement-based processes for SCC of
AZ31 Mg alloy in chloride-containing solutions.

EXPERIMENTAL PROCEDURES
Electrochemical polarization tests were conducted
using a conventional three-electrode cell. The electrolyte was 0.01 M NaCl at 30°C. Samples were abraded
to 600 grit silicon carbide (SiC) paper and exposed
to a 5,000 s open-circuit potential (OCP) delay just
before starting the polarization experiment. Potential
was measured with a saturated calomel electrode
(SCE), and a graphite bar was used as a counter
electrode. Anodic and cathodic curves were obtained
in separate experiments. The potential was scanned
from OCP at a rate of 0.166 mV/s. All tests were conducted in triplicate to address reproducibility.
Electrochemical impedance spectroscopy (EIS)
tests were conducted to estimate the polarization
resistance (RP) at different chloride concentrations.
Tests were conducted after 1 day of OCP exposure,
to estimate steady-state corrosion rates. Frequency
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TABLE 1
Nominal Chemical Composition (in wt%) of the AZ31B Alloy
Al

Zn

Mn

Si

Cu

Ca

Fe

Ni

Mg

2.5 to 3.5

0.7 to 1.3

>0.2

<0.05

<0.05

<0.04

0.005

0.005

Balance

was scanned from 100 kHz down to 10 mHz, with
7 points/decade and an alternating current (AC) root
mean square (rms) amplitude of 10 mVrms. EIS results
were fitted with a simplified Randles circuit modified41
with a constant phase element. When an inductive
loop was observed at low frequency, the equivalent
circuit recently proposed by King, et al.,42 was used.
This equivalent circuit contains two capacitors, one
inductor, and four resistances, including the solution
resistance. The reader is referred to the original paper42 for details of the circuit construction, physical
significance of each element, and equation for obtaining RP from the fitting parameters.
Slow strain rate tests (SSRT) were conducted on
round tension test specimens, with a gauge diameter of 4 mm and a gauge length of 25 mm. Samples
were machined from a 6.5 mm extruded AZ31B bar
(UNS M11311). The nominal composition of this alloy
is presented in Table 1. The mechanical properties,
quoted in the materials certificate of conformance,
are YS = 188 MPa, UTS = 262 MPa, and ductility =
22% (measured on a 50.8 mm bar). The microstructure of this commercial alloy was studied elsewhere,
and it is expected to consist of Mg grains with Mn-Al
intermetallic inclusions.27,43 To minimize hydrogen
absorption from humid air,44 samples were kept in a
desiccator until testing. At this point, samples were
manually ground with 600 grit SiC paper and rinsed
with 200-proof ethanol. Samples were then placed in
a three-electrode SCC cell and strained at a rate of
4×10–6 s–1. The potential of the working electrode was
measured with a SCE fitted in a Luggin capillary. A Pt
counter electrode was used for tests conducted at a
fixed applied potential. The solution was re-circulated
at a rate of 300 mL/min from a 5 L reservoir kept
at 30°C, minimizing solution composition variations
(particularly pH) during testing (Figure 1).21 After the
test, samples were examined using scanning electron
microscopy (SEM).
SSRT tests were conducted under a different set
of variables. For each combination of variables, tests
were conducted in duplicate at least. Most tests were
performed in a 0.01 M NaCl solution. Some tests
were performed in 0.1 M NaCl and 0.001 M NaCl to
explore the effect of chloride concentration on SCC
behavior, as indicated. The effect of potential was investigated by conducting tests at OCP in 0.01 M NaCl,
at –1.35 VSCE, an anodic potential beyond the breakdown potential measured in polarization curves, and
at –1.9 VSCE, a cathodic potential where hydrogen evolution is increased at the expense of reduced anodic
damage.45 A test in air was also conducted as control.
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FIGURE 1. Experimental setup for SSRT.

To investigate the pre-exposure effect, unloaded
samples were exposed at OCP for 1 day in 0.1 M NaCl
or 0.01 M NaCl, thus potentially allowing hydrogen
to be charged into the metal or anodic damage to be
accumulated. After removing the samples from the
environment, they were rinsed with DI water and
200-proof ethanol and immediately tested in laboratory air. For the 0.01 M NaCl solution, this test was
repeated for 4 days’ pre-exposure to check the effect
of increased exposure time. To explore whether the
decrease in ductility of a pre-exposed sample found
here and reported by others6,24 was due to irreversible
anodic damage or to reversible hydrogen charging, a
new set of samples was first pre-exposed at OCP for
24 h to a 0.1 M NaCl solution and subsequently left in
a desiccators for 13 days or 28 days to allow desorption of any absorbed hydrogen.

RESULTS
Figure 2 shows anodic and cathodic polarization
curves of AZ31B in 0.01 M NaCl after 5,000 s of OCP
exposure. Dotted lines indicate the selected potential values for SSRT. A breakdown potential, Eb, was
observed at –1.43±0.03 VSCE, indicated by an arrow.
This value is close to the one reported by Przondziono,
et al.46 Breakdown of the protective film manifested
itself as expanding dark corroded regions that eventually covered the entire surface of the sample. Other
authors28 studying the same alloy determined that
this dark corroded region consisted of a zone enriched
with Al-Mn particles, which caused cathodic activation and enhanced hydrogen evolution.29
The in-air YS of AZ31B was 158 MPa, the UTS
was 273 MPa, and the elongation to failure was
20.4%, Figure 3, which is close to typical values reported for extruded products.47 Results are also in
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FIGURE 2. Polarization curves of AZ31B Mg alloy in 0.01 M
NaCl. Dotted lines show the values of potential where SSRT were
conducted, and the arrow points the Eb.

(a)

FIGURE 3. SSRT of AZ31B Mg alloys immersed in 0.01 M NaCl
solution at 30°C showing the effect of potential. The curve in air is
included for comparison.

(b)

(c)

FIGURE 4. Secondary electron images of AZ31B SSRT samples tested under full immersion in 0.01 M NaCl: (a) at the
OCP, (b) at E = –1.35 VSCE, and (c) E = –1.90 VSCE.

reasonable agreement with the mechanical properties
quoted in the material’s certificate for the alloy, as
presented above. On the other hand, samples under full immersion showed a significant reduction in
strain to failure at all potential values, Figure 3. Failure of the samples occurred under stable crack propagation, during which the load decreased continuously
until the point where the remaining ligament was
cracked. Cracking occurred at low loads, typically below 100 MPa. SEM examination revealed that cracks
were transgranular. In addition, for tests performed at
OCP or at an anodic potential, secondary cracks were
observed along the gauge length, Figure 4. Fracture
of the tensile samples had, in some cases, a stepped
appearance as a result of the joining of transgranular
cracks that grew separately, Figure 4(b), for the sample tested at the anodic potential.
The surface of samples exposed at OCP and at
anodic potential exhibited uniform attack after being
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removed from solution, with no tendency to pitting.
On the other hand, the sample exposed at a cathodic
potential was covered with a gray film, Figure 4(c).
It is likely that this film was Mg(OH)2, which can be
formed even at cathodic potentials7,48 due to water decomposition of magnesium hydrides.48 Other authors7
reported that this film remained intact during preexposure in a sulfate solution under a cathodic potential, preventing hydrogen absorption and internal
hydrogen embrittlement. In DI water21 and chloridecontaining solutions,23 the film could be ruptured during straining, making hydrogen absorption possible
and causing SCC susceptibility at cathodic potentials.
Figure 5 shows the effect of chloride concentration on the stress-strain curves. Maximum stress
and maximum elongation increased slightly with a
decrease in chloride concentration. These results are
in accord with those previously shown by Song, et
al.,6 where both ductility and UTS of AZ31 in chloride-
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FIGURE 5. SSRT of AZ31B Mg alloys performed at OCP and 30°C
in solutions containing different NaCl concentrations. The curve in
air is included for comparison.

containing environments were not a strong function
of chloride concentration. Fracture surfaces had a
similar appearance at all chloride levels, with transgranular cracks and secondary cracks similar to those
presented in Figure 4(a). Breakdown of the protective
film was observed in all cases, evidenced by the appearance of dark spots on the originally shiny surface.
A maximum in the corrosion potential vs. time curve
was observed for the solution containing 0.01 M NaCl,
Figure 6, in accordance with Williams, et al.28 The
OCP at steady state was close to the breakdown potential value measured in the polarization tests. The
stressed samples failed at potentials above the breakdown potential, but just before reaching steady state.
The OCP measured during SSRT was similar to the
potential measured with no strain, suggesting that
stress had little effect on the breakdown of the film
spontaneously formed in air prior to exposure.
Figure 7 shows complex plots obtained for AZ31B
magnesium alloy at three different chloride concentrations, and the fitting lines of the equivalent circuit selected to estimate a RP value. In the impedance curves
obtained in 0.1 M NaCl and 0.01 M NaCl, an inductive response was observed at low frequencies. Those
curves were fitted with the equivalent circuit proposed
by King, et al.42 RP was obtained from the value of
the real impedance taken at the low-frequency end of
the spectra (Figure 7). The curve obtained at 0.001 M
NaCl presented some scatter at low frequencies, but
a single time constant-type response was apparent.
Therefore, this curve was fitted with a simplified Randles circuit modified with a constant phase element.
The focus of those measurements was to estimate RP,
which is inversely related to the corrosion rate.42 For
solutions containing 0.001 M NaCl, 0.01 M NaCl, and
0.1 M NaCl, the calculated RP values were 4,800, 825,
and 84 Ω·cm2, respectively. It is important to highlight
that the RP value obtained in 0.001 M NaCl could be
in error by a factor of 2 or more if it exhibited an in-
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FIGURE 6. Corrosion potential vs. time curves for AZ31B Mg alloy
samples exposed to 0.01 M NaCl under a SSRT and under no load.
The arrow indicates the end-point of the SSRT test due to sample
failure.

FIGURE 7. Complex plots, showing the effect of chloride
concentration on the EIS response of AZ31B in 0.001, 0.01, and
0.1 M NaCl at 30°C. For the curves obtained in 0.1 M NaCl and
0.01 M NaCl with an inductive response at low frequency, the value
of RP + RS can be obtained graphically as shown for the curve in
0.01 M NaCl.41 Symbols: experimental results. Lines: equivalent
circuit fitting.

ductive response at lower frequency as observed in
the more concentrated solutions. Despite this potential source of error, these results are in good agreement with the increasing corrosion rate as a function
of chloride concentration presented by other authors
for this alloy.28
Figure 8 shows the results of SSRT aimed at
studying the mechanism of pre-exposure embrittlement of AZ31 alloy exposed to chloride-containing
solutions. After 24 h OCP pre-exposure in a 0.01 M
NaCl solution (test condition 1), a sample strained in
air showed a maximum stress similar to the unexposed control and an elongation to failure intermediate between full immersion and in air. Part of this
elongation could be recovered by a 13 day exposure
to dry air inside a desiccator (test condition 2), suggesting that there was a net, reversible contribution
from absorbed mobile hydrogen. This partial recovery
of ductility is in accordance with results presented by
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FIGURE 8. SSRT of AZ31B Mg alloys performed under different
conditions: full immersion at the OCP in 0.01 M NaCl at 30°C (n),
tested in air immediately after 24 h OCP exposure to 0.01 M NaCl at
30°C (test condition 1, p), tested in air after 24 h OCP exposure to
0.01 M NaCl at 30°C followed by a 13 day exposure to dry air (test
condition 2, r), tested in air immediately after 24 h OCP exposure
to 0.1 M NaCl at 30°C (test condition 3, ), tested in air immediately
after 96 h OCP exposure to 0.01 M NaCl at 30°C (test condition 4,
£), tested in air after 24 h OCP exposure to 0.01 M NaCl at 30°C
followed by a 28 day exposure to dry air (test condition 5, Æ). The
curve in air of an unexposed specimen is included for comparison
().

other authors for Mg-Al 7.6 wt% in chloride-chromate
mixtures,18 pure Mg in basic sulfate solutions,7 and
AZ80 Mg-Al-Zn alloy in chloride solutions1. Reversibility of embrittlement due to hydrogen desorption
after a hydrogen charging step, as reported in this
work, has also been observed in other systems, such
as commercially pure Ti,49 a Ti-13V-11Cr-3Al alloy,50
7000 series aluminum alloys,31,51-57 and steels.55,58-64 In
all cases, this observation was an indication that absorbed mobile hydrogen contributed to the observed
decrease in mechanical properties in pre-exposed
tests.
A set of experiments was conducted to investigate
further the cause of the ductility loss observed during
pre-exposure tests. A tensile sample was immersed
in 0.1 M NaCl for 24 h, and then strained in air (test
condition 3). Although the corrosion rate was about
an order of magnitude larger in 0.1 M NaCl than in
0.001 M NaCl, Figure 7, the loss in ductility was similar to the one measured for the sample pre-exposed to
0.01 M NaCl for the same time period (test condition
1). This finding suggests that a decrease in cross section caused by corrosion was not responsible for the
decrease in ductility observed in pre-exposed tests.
Another tensile sample was immersed for 96 h
in 0.01 M NaCl (test condition 4). This resulted in decreased ductility and maximum stress with respect
to the samples pre-exposed for 24 h. The observed
dependence between ductility and UTS with pre-exposure time is in accordance with results by Song, et
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al.,6 and Kappatos, et al.,24 for the same Mg alloy and
by Chakrapani and Pugh18 for a Mg-Al alloy. Other
systems such as 7000 series aluminum alloys pre-exposed to water vapor,53,57,65 seawater,51 or tap water,31
and carbon steels pre-exposed to sour environments66
show this behavior as well, which is a known consequence of hydrogen embrittlement.
Finally, in this system (test condition 2) and in
other Mg alloy-environment systems,1,7,18 it was found
that ductility of a corroded sample can be partly recovered with exposure to an environment with low
hydrogen activity. In this case, it is plausible that
ductility values did not reach that of the unexposed
sample due to either residual hydrogen or anodic
damage. Another sample was pre-exposed in 0.01 M
NaCl for 24 h, and then left in dry air for 28 days (test
condition 5), doubling the time of the samples of test
condition 2. Test condition 5, with the additional drying time, resulted in approximately a 10% increment
in ductility compared to test condition 1 (Figure 8).
SEM examination of those samples supported
the idea of a reversible contribution from hydrogen
(Figure 9). A much higher density of secondary cracks
was observed on the lateral surfaces of specimens
that were immediately stressed after OCP exposure
(test conditions 1 and 4) than on those specimens
that were exposed to dry air prior to being strained
(test conditions 2 and 5), suggesting those cracks
were a manifestation of hydrogen embrittlement.
In accordance with these observations, crack
surfaces of the pre-exposed specimens that were immediately strained showed a central ductile region
surrounded by an annular region that failed by cleavage (Figure 10). The dry air exposure was effective in
eliminating this annular, cleavage region. The entire
crack surface of those samples exhibited a ductile
fracture (Figure 11). This suggests that the material in
the annular region failed by cleavage as a result of the
combination of stress and hydrogen.
The width of this annular, hydrogen-embrittled
region was a function of OCP pre-exposure time (Figure 10). The width of the hydrogen-embrittled region
of a sample pre-exposed for 24 h was around 375 μm.
A fourfold increase in pre-exposure time resulted in
an annular, embrittled region with a width of 720 μm,
which is about double the width obtained in the
shorter OCP exposure. This relationship suggests that
embrittlement was controlled by hydrogen diffusion.
Holroyd and Hardie51 used the depth of embrittlement, x, to calculate the hydrogen diffusion coefficient
for aluminum alloy (AA)7049-T651 (UNS A97049) preexposed in seawater. In that case, x should scale as:

x ∼ 4D
Dt

(1)

where D is the diffusion coefficient and t the immersion time. Based on the results shown above, a rough
estimate of D gives 10–9 cm2/s.
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(a)

(b)

(c)

(d)

FIGURE 9. Secondary electron images of AZ31B SSRT samples tested in air immediately after 24 h OCP exposure to
0.01 M NaCl at 30°C, test condition 1, (a), tested in air after 24 h OCP exposure to 0.01 M NaCl at 30°C followed by a
13 day exposure to dry air, test condition 2 (b), tested in air immediately after 96 h OCP exposure to 0.01 M NaCl at 30°C,
test condition 4, (c), and tested in air after 24 h OCP exposure to 0.01 M NaCl at 30°C followed by a 28 day exposure to
dry air, test condition 5 (d).

DISCUSSION
The reversible, pre-exposure embrittlement effect (test conditions 1, 3, and 4 vs. test conditions 2
and 5) observed in this work suggest that this alloy
was susceptible to internal hydrogen embrittlement.55
Fractography results, where the width of the annular
brittle region doubled with a fourfold increase in preexposure time, suggested that pre-exposure embrittlement was controlled by hydrogen diffusion. This was
used to estimate a value for the hydrogen diffusion
coefficient of 10–9 cm2/s. There is considerable scatter35 on the value of the hydrogen diffusion coefficient
at room temperature estimated by different authors
for Mg and its alloys. Makar, et al.,10 and Dietzel, et
al.,22 estimated values of the hydrogen diffusion coefficient indirectly from mechanical tests, similar to the
approach used herein. Values of 2×10–9 cm2/s were
obtained for a Mg-Al10 and a Mg-Al-Zn22 alloy. Knotek,
et al.,67 using the Devanathan and Stachurski approach,68 obtained a value of 6.7×10–9 cm2/s for pure
Mg. Spatz, et al.,69 reported a value of 1.1×10−16 cm2/s
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based on the growth kinetics of magnesium hydride
(MgH2), for pure Mg near room temperature. Finally,
Atrens, et al.,70 extrapolated high-temperature results
of hydrogen diffusion in pure Mg,71-72 obtaining a
value of 10–5 cm2/s.70 The approach we adopted in this
work is indirect and relies on the interaction between
stress and hydrogen to give a brittle failure. There are
several sources of error, including the formation of
corrosion films that might slow down hydrogen absorption and the propagation of brittle failure beyond
the zone saturated by hydrogen. Despite this, the
value estimated falls within the scatter band reported
in the literature.
Pre-corroded tensile samples of AZ31B Mg alloy showed a decrease in ductility and UTS that was
a function of the pre-exposure time (test conditions
1 and 4), similar to results presented for this same
system by Song, et al.,6 and Kappatos, et al.24 Based
on evidence presented here, embrittlement was likely
the result of increased time for hydrogen diffusion.
Decrease in cross section and stress concentration by
defects,24 which could also explain this dependence,
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(a)

(b)

(c)

(d)

FIGURE 10. Secondary electron images of AZ31B SSRT samples tested in air immediately after an OCP exposure to
0.01 M NaCl at 30°C. Pre-exposure time was 24 h, test condition 1 (a) and (b) and 96 h, test condition 4 (c) and (d).

were not controlling processes here because the loss
of ductility was partly recovered by exposure to dry air
(test conditions 2 and 5). Furthermore, deep pits are
not expected to form during corrosion of this alloy in
chloride solutions.28 Fractographies were consistent
with the hypothesis of hydrogen embrittlement: for
test conditions 1 and 4, Figure 10 shows secondary
cracks and a central ductile region, surrounded by
an annular region that failed by cleavage and with a
width that doubled after increasing the exposure time
by four times, in accordance with Equation (1). For
test conditions 2 and 5, Figure 11, a fully ductile fracture was observed with no secondary cracks. Finally,
from the RP values obtained in 0.1 M NaCl and 0.01 M
NaCl, the corrosion rate is expected to increase an order of magnitude with the tenfold increase in chloride
concentration. Despite this, pre-exposing a tensile
sample for 1 day in those environments resulted in
a similar decrease in ductility and maximum tensile
strength, suggesting anodic processes are not ratelimiting.
Ductility of the AZ31B samples exhibited dependence with dry air exposure time. Even after 13 days
of dry air exposure (test condition 2), ductility was
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not completely recovered. The greater ductility measured after increasing the dry air exposure time, test
condition 5, is an indication of the sluggish diffusion
of hydrogen. Hydrogen in this case would also have
to diffuse through corrosion products, containing
Mg(OH)2, which can hinder hydrogen transport outbound from the sample.35 Furthermore, the presence
of defects such as dislocations, grain boundaries, and
particles could act as traps slowing down hydrogen
desorption. Other authors18 performed vacuum heat
treatments at temperatures above the magnesium
hydride decomposition temperature to accelerate the
hydrogen desorption process; however, this was not
attempted here because grain growth of AZ31B alloy
was reported at temperatures as low as 200°C.73
While the results discussed so far suggest that
Mg alloy AZ31B exhibits internal hydrogen embrittlement when exposed to NaCl solutions, the contribution from a hydrogen-assisted mechanism during
SCC has yet to be discussed. It was found that, in
chloride-containing solutions, potential and chloride
concentration did not have a great effect on the SCC
susceptibility of alloy AZ31B measured by SSRT at a
strain rate of 4×10–6 s–1. SCC susceptibility was simi-
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(a)

(b)

(c)

(d)

FIGURE 11. Secondary electron images of AZ31B SSRT samples tested in air after 24 h OCP exposure to 0.01 M NaCl
at 30°C, followed by dry air exposure. Dry air exposure time was 13 days, test condition 2 (a) and (b), and 28 days, test
condition 5 (c) and (d).

lar at a cathodic potential, where anodic damage is
reduced,45 at OCP, and at an anodic potential above
the Eb, suggesting that anodic processes were not
rate-controlling.74 Also, despite the strong dependence
between corrosion rates and chloride concentration
reported for this alloy herein and elsewhere,28 SCC
susceptibility was similar at all chloride levels.
A model based on hydrogen-assisted cracking
could explain many of the observed facts, including
the SCC susceptibility at cathodic potentials. However, despite that Mg hydrogen evolution increases
with anodic75-76 and cathodic29,75 potentials and with
chloride concentration,28 SCC susceptibility did not
show a strong dependence with those variables.
One possibility could be that due to the sluggish
hydrogen35 diffusion, crack advance was controlled
by diffusion of hydrogen to the crack tip zone. This
mechanism, though not rigorously validated with the
data presented here, could explain the independence
of SCC intensity with chloride concentration and potential.
Results of crack propagation rate performed at
different temperatures presented elsewhere deter-
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mined that for a WE54 (UNS M18410) Mg77 alloy in
distilled water, the crack propagation rate had an
activation energy near 50 kJ/mol. There is significant
dispersion on the reported activation energy values for
the hydrogen diffusion coefficient, which ranges from
40 kJ/mol78 to 24 kJ/mol.71 The first value seems
more reasonable because, in that case, the activation
energy would be close to values reported for other
hexagonal closed-packed metals (hcp), like α-Ti79 and
Zr.80 Vogt and Speidel77 concluded that due to the
similarities in activation energy for hydrogen diffusion and crack propagation rate, it is possible that
this process is the rate-controlling step during SCC.
Despite the differences in alloy and environment composition, those results and the ones reported herein,
suggest that hydrogen diffusion is the rate-determining step during SCC of magnesium alloys.
Despite the fact that OCP pre-exposure caused
hydrogen embrittlement, pre-exposed tests could
not mimic ductility loss and fracture appearance
obtained in full immersion tests. Even after 4 days
of pre-exposure to OCP, the samples had a central
ductile region, unlike samples tested in the environ-
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ment where a cleavage fracture propagated covering
almost the entire area of the specimen (Figure 4). This
suggests that the time and sample diameter selected
were insufficient for hydrogen saturation during OCP
pre-exposure. It is likely that during tests performed
under immersion, hydrogen was provided by hydrogen evolution reaction in the crack tip region. Tests
under full immersion had a duration on the order of
12,500 s. Assuming cracks grew about 2 mm during this time, Figure 4, this gives an average crack
growth rate, v, of 1.6×10–5 cm/s. Using the value of D
estimated in this work, the D/v ratio was 6×10–5 cm.
This coefficient is more than three orders of magnitude larger than the minimum value required to have
a hydrogen atmosphere ahead of the moving crack,81
suggesting hydrogen diffusion control is a possible
mechanism. Furthermore, in the SCC tests under full
immersion, hydrogen is expected to be charged into
the sample concomitant with plastic deformation. This
can result in enhanced transport by hydrogen atmospheres around mobile dislocations.56

CONCLUSIONS
SCC of the AZ31B Mg-Al-Zn alloy in chloride-containing solutions was studied under different chloride
concentrations and potentials using the SSRT technique. Based on the evidence presented herein, the
following conclusions were drawn:
❖ SCC susceptibility was not a strong function of
chloride concentration or potential, despite the dependence of the anodic dissolution reaction on those
variables.
❖ Potential measurements and visual observation
during SCC testing indicated that cracks propagated
alongside localized attack above the breakdown potential, which eventually propagated, covering the entire
sample.
❖ The reversible, pre-exposure embrittlement effect
observed in this system suggested that the alloy suffered internal hydrogen embrittlement.
❖ Ductility decreased with an increase in pre-exposure time and could be partially recovered with dry-air
exposure. The diameter of the brittle, annular zone in
the fractography of samples pre-exposed and then immediately strained, doubled with a fourfold increase
in time. These observations suggest that pre-exposure
embrittlement was controlled by hydrogen diffusion.
❖ Another manifestation of internal hydrogen embrittlement in this system was the presence of secondary
cracks on the lateral surface of the tensile specimen, which were observed in specimens immediately
strained but not on those that were strained after the
dry air hydrogen desorption step.
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